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Abstract  
The nickel based superalloy IN718 is known to be sensitive to hydrogen, causing degradation 
of its mechanical properties. The degrading mechanism commonly proposed is based on an 
increased mobility and density of dislocations, caused by the dissolved hydrogen. This results 
in a decreased yield stress and a premature fracture. A physically based flow stress model 
based on the dislocation density, which incorporates the effects of an increased hydrogen con-
centration, is proposed. The model parameters are found using experimental data from un-
charged and hydrogen pre-charged IN718 samples.  
 
In order to better understand the influence of hydrogen on plasticity behaviour, a well-defined 
hydrogen distribution is essential in the specimens. The method of charging cylindrical IN718 
specimens with hydrogen using cathodic charging is evaluated. The resulting hydrogen con-
centration is measured for various radii, and compared with computations. It is shown that the 
anisotropic diffusion coefficient resulting from electromigration, inherent in the charging 
method, must be taken into account as it has a major impact on the charging parameters of 
IN718.  
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If you want to achieve peace of mind and happiness, then have faith. 
If you want to be a disciple of truth, then search. 
- F. W. Nietzsche 
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Even if the resulting material model and simulations are focused on IN718, this could very 
well be altered and used for other similar materials. One could also envision that the hydrogen 
energy and hydrogen industry will grow, where any research done on the metal-hydrogen-
interactions will be of use.   
xi 
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1 Introduction  
Inconel 718, or IN718, is a commercial nickel-chromium-iron based superalloy, which shows 
thermal and mechanical stability with maintained yield strength and fracture toughness in the 
temperature range of approx. -250 to 650°C [1]. The alloy has gained much use in gas turbine 
engines, heat exchange tubing and other high-temperature and high-load applications [2]. The 
alloy has also found use in environments where high concentrations of hydrogen could be 
expected, such as natural-gas processing plants and liquid-hydrogen engines [3]. Several stud-
ies have been conducted on the hydrogen susceptibility of IN718, and the unanimous conclu-
sion is that IN718 exhibits degradation in properties when subjected to hydrogen [4-6]. The 
fracture surface morphology of IN718 subjected to hydrogen embrittlement, studied with the 
use of high resolution electron microscopes [7, 8], gives general observations indicating local-
ised ductile fracture. Based on these observations, Hicks and Altstetter [7] suggested Hydro-
gen Enhanced Localised Plasticity (HELP) as the mechanism of hydrogen embrittlement in 
IN718. Other mechanisms generally describing hydrogen embrittlement, e.g. hydrogen-
induced lattice decohesion or hydride formation would in IN718 require concentration levels 
of both stress and hydrogen that only, if at all, would be found near a crack-tip.  
 
To study the overall macroscopic effect of the HELP mechanism, hydrogen should preferably 
be introduced homogeneously into tensile test samples. One way of introducing, or charge 
samples with hydrogen is to use cathodic hydrogen charging. Even if it is a method that has 
been used extensively, the literature is sparse in detailed description on the governing parame-
ters when charging participation hardened super alloys. These parameters are needed to quan-
tify the enhanced diffusivity of hydrogen ions because of electromigration in the presence of 
the applied electric field, which is one of the benefits of the method. A refinement of the 
charging details is needed in order to keep the charging time at a minimum, or to achieve a 
specific concentration gradient within the sample.  
 
In this work, the method is used to charge IN718 samples and the concentration homogeneity 
is measured and compared with computations. Tensile test results on hydrogen charged IN718 
samples as well as un-charged samples are used to optimize the parameters of the proposed 
material model. Any constitutive plasticity model for the HELP mechanism in precipitation 
hardened alloys has to our knowledge not been presented, which serves as motivation for the 
work in this thesis. A material model which includes the degrading effect of hydrogen on the 
mechanical properties would be of great use in order to predict material behavior in hydrogen 
rich environments. 
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2 Hydrogen degradation 
Hydrogen degradation or hydrogen embrittlement was first reported over a century ago, when 
the loss of mechanical properties at room temperature of steel and iron containing hydrogen, 
was noticed. It has since been shown that not only steel and iron are effected by hydrogen, but 
almost all metals and alloys are susceptible to hydrogen induced premature failure. The em-
brittlement often manifests as loss of ductility and fracture stress and a change of fracture 
mode [9]. Internal hydrogen embrittlement is when hydrogen has entered the material before 
the external load is applied and is usually caused by chemical or electro-chemical prepro-
cessing, solidification of ingots or welding. External, or environmental hydrogen embrittle-
ment, is the term used if the degradation occurs while in a hydrogen environment, where dis-
sociated hydrogen must diffuse from the surface into the material [6]. Many different, often 
material specific hydrogen-related failure mechanisms has been proposed and subjected to 
debate, and yet no unified theory has been established [10]. The different theories proposed 
are often divided into a few areas; internal pressure and hydride embrittlement, hydrogen-
induced decohesion and hydrogen enhanced plasticity. 
 
The first area revolves around the increase of internal pressure, caused either by precipitation 
of molecular hydrogen or by hydride formation [11, 12]. Molecular hydrogen dissociates on 
the metal surface before entering the metal as atomic hydrogen, with a higher mobility inside 
the metal. The atomic hydrogen could recombine at voids or interfaces within the material. As 
molecular hydrogen has a volume greater than the sum of two hydrogen atoms the local hy-
drostatic stress and internal pressure will increase. Eventually the stress is large enough to 
rupture the hydrogen-weakened metallic bonds and reduce the overall failure stress [13]. A 
direct observation of this mechanism in a hydrogen super-saturated iron-3% silicon single 
crystal has been provided by Tetelman and Robertson [14]. Hydrogen could also form hy-
drides and hydride-complexes with different metals and alloys which comprises a host lattice 
and hydrogen atoms. Failure caused by hydride formation has been reported in systems where 
hydrides either are stable or can be stabilised by a local increase of the stress field. Within the 
area of superalloys and highly engineered alloys, hydrides are commonly associated with Ti 
and Zr based alloys [15, 16]. Ni is usually classified as a non-hydride-forming element. How-
ever, atomistic simulations have shown that thermodynamically stable local hydrides can 
form in the Ni-H system. The formation, caused by a considerable strain-induced enhance-
ment of the local hydrogen concentration together with an elevated hydrostatic pressure, may 
occur even at modest bulk concentrations of hydrogen and ambient conditions [17]. It has 
further been suggested that the electrochemical process of cathodic charging of hydrogen can 
promote the formation of so called pseudo-hydrides in the non-hydride-forming metals, such 
as Ni and its alloys [18]. In the pseudo-hydride phase, hydrogen is only partly solved in the 
lattice at random interstitial positions, compared to the phase of a fully formed hydride with 
its ordering of hydrogen in the interstitial positions together with an accompanying change in 
lattice parameters and volume. Direct observations of this formation due to cathodic charging 
have also been experimentally observed using X-ray diffraction methods [19, 20]. 
Closely related is the second mentioned area of hydrogen degradation theories, commonly 
referred to as hydrogen-induced decohesion or hydrogen-enhanced decohesion. It is based on 
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the supersaturation of atomic hydrogen at areas with a high hydrostatic stress (e.g. a crack tip) 
and the interaction where hydrogen weakens the atomic bonds [21]. In this model, the fracture 
is brittle when the external stress exceeds the cohesive stress. Chen et al. [22] reports a hy-
drogen concentration of 5950 at ppm near the crack tip in their experiment using iron-3% sili-
con single crystals. This concentration was considered as sufficient, with no lower limit con-
centration reported, to promote lattice decohesion. The decohesion model was further be-
lieved to be the dominant degradation effect, opposed to enhanced plasticity effects. This pro-
posed mechanism is dependent on a high hydrogen concentration close to the crack tip, if a 
crack propagation and failure is to be expected. This requirement can be met either by an en-
vironment that results in a supersaturation of hydrogen in the specimen or a very high diffu-
sivity of mobile hydrogen in a pre-charged specimen. Decohesion could also induce cracks in 
grain boundaries, as the cohesive strength is lowered under the influence of hydrogen. Grain 
boundary decohesion, just as with crack tip decohesion and lattice decohesion, requires a very 
high equivalent gas pressure of hydrogen, reportedly 1000 atm and above [23]. Although it is 
evident that hydrogen does weaken the lattice bond strength and grain boundary cohesive 
strength, it has been pointed out that the concentration of hydrogen usually is too low to break 
the bond of the metal atoms and open grain boundaries [23, 24]. Furthermore no direct exper-
imental evidence has been reported supporting lattice decohesion by hydrogen [11]. 
 
The last main area of theories regarding hydrogen degradation addresses the effect of hydro-
gen on dislocations and dislocation kinetics. This topic has been addressed since 1960s re-
garding either an increase in dislocation generation and/or an alteration of the internal friction 
and dislocation movement in metals [25-28]. Early experimental reports on the hydrogen-
dislocation interactions are commonly based on various tensile tests performed on samples 
pre-charged with hydrogen. Matsui et al. [29, 30] represented an exception with their in situ 
tensile tests on samples in an electrolytic cell. Here, samples of high purity iron, charged with 
hydrogen during the tensile tests, showed an increase in mobile dislocation density and an 
alteration of the tensile response. The altered response comprises both softening and harden-
ing, depending on the variation in experimental variables such as current density and strain 
rate. Both the softening and hardening was, although somewhat speculative, explained by 
interactions between hydrogen and dislocations. 
 
In 1972, a model of hydrogen-dislocation interactions was proposed by Beachem [31]. He 
suggested that hydrogen instead of locking dislocations, the raised hydrogen concentration 
lowered the stress needed to move the dislocations and thereby unlocking them. Beachem 
further concludes that if a sufficient concentration of hydrogen is dissolved in the lattice near 
the crack tip, this will promote a severe local ductile crack-tip deformation. And although this 
may lead to macroscopic failures that bear the resemblance of a brittle fracture, evidence of 
the plastic deformation can be seen in the microstructure as dimples and tear ridges. The 
crack-tip deformation together with the microstructure of the material is believed to cause the 
sudden low stress fractures and not an overall exhaustion or restriction of ductility. Beachem 
therefore suggested the term hydrogen-assisted cracking rather than hydrogen embrittlement 
cracking [31]. 
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Robertson [9] claims that Beachem’s model basically was ignored by the scientific communi-
ty, until the latter part of the 1970s when the idea of hydrogen-enhanced dislocation mobility, 
once again surfaced. Close to follow was a direct observation of the enhanced dislocation mo-
bility and local densification [32]. This in situ experiment was achieved by the use of an envi-
ronmental cell with varying pressures of hydrogen gas inside a transmission electron micro-
scope (TEM). In the article, sheets of commercially pure Ni were strained at a low rate at 
room temperature, within an environment of hydrogen at a pressure of 7 kPa. The authors 
claim to observe a rapid dislocation movement together with a dislocation multiplication, re-
sulting in a very high local dislocation density.  
 
Birnbaum and co-workers conducted additional in situ studies on different metals and alloys, 
including precipitation strengthened alloys, and almost 20 years after Beachem's model, they 
presented the phenomena which were named Hydrogen Enhanced Localised Plasticity, or 
HELP [12, 15, 18, 33]. 
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2.1 Hydrogen-enhanced localised plasticity 
The HELP mechanism was proposed as an explanatory model for the decrease in flow stress 
of metals and alloys in the presence of hydrogen. It differs from the contemporary description 
of the same phenomena proposed by Lynch [34] by not only being a surface effect, but in-
stead considering the hydrogen effect to occur both near the surface and within the volume of 
the material. The mechanism is based on the interaction between hydrogen atoms and disloca-
tions with the effect of an increase in dislocation mobility. The increased dislocation motion is 
explained by a combination of hydrogen diffusion towards the stress field of dislocations and 
other obstacles, and the shielding, or the lubricating, effect of hydrogen between dislocations 
and obstacles. Hydrogen thereby modifies this stress field which allows dislocations to locally 
move at a lower stress relatively to the deforming bulk volume [35]. A reported lower concen-
tration limit for hydrogen to have this effect on the tensile response and observe the HELP 
mechanism has been suggested to about 50 at ppm [23, 32]. 
 
The mechanism is reported not to be dependent on the crystal structure or dislocation type, 
but mainly dependent on the material purity and hydrogen concentration [23, 35]. The effect 
is not only supported by extensive in situ studies of Birnbaum and co-workers. High resolu-
tion fracture studies also support plastic processes as hydrogen softens the material in front of 
the crack tip, allowing local ductile fracture. According to Birnbaum and Sofronis [15] this is 
the reason for the observed microscopic ”transgranular” fractures, suggesting that the plastic 
process does not solely occur along the grain boundaries. And just as Beachem suggested be-
fore them, because of the localised nature of the ductile failure, fracture surface examination 
at low resolution could very well lead to a brittle fracture conclusion.   
 
It has been pointed out that the hypothesised mechanism lacks an unambiguous confirmation 
from performed mechanical tests [36]. Just as the descriptions prior to HELP, it is most likely 
not a unifying description of hydrogen induced degradation, but instead a piece of the puzzle.   
  
6 
 
3 Hydrogen charging 
The HELP mechanism describes the interaction between hydrogen and dislocations through-
out the material, and is not only a description of surface and/or crack-tip phenomena. To study 
the effect of hydrogen on the tensile properties of IN718, with a special focus on the HELP 
mechanism, hydrogen preferably should be introduced into the bulk of tensile test specimens. 
  
Different methods of charging samples with hydrogen have been developed. Gas pressure and 
autoclave methods rely foremost on a constant high pressure of hydrogen gas around the sam-
ple to be charged. For the autoclave method, this is supplemented with an elevated tempera-
ture to decrease the charging time, and must be performed in a strictly controlled facility be-
cause of the risk of explosion. Hydrogen charging, results in a hydrogen concentration profile, 
which can be described by the solution of Fick's second law. For a given material and the 
above mentioned methods, the concentration profile can be altered by varying the parameters 
of time, temperature and surface concentration of hydrogen. To achieve hydrogen concentra-
tion homogeneity in tensile test size samples of IN718, a long holding time or a high pressure 
of hydrogen together with a high temperature would be required. To instead use the method of 
cathodic hydrogen charging, is one way of reducing the charging time and the need for high 
temperature. 
 
3.1 Cathodic hydrogen charging 
Cathodic hydrogen charging is a method based on an electrochemical cell, in which the sam-
ple acts as the cathode and usually a piece of platinum acts as the anode, both submerged in 
an electrolyte. Figure. 1 illustrates a typical cathodic charging setup. When an electrical po-
tential is applied across the electrodes, the electrolytic solution decomposes and hydrogen 
ions (protons) are produced. The applied potential causes a flux in charge carriers, both in the 
electrolytic solution and in the electrodes. This flux generates a high concentration of hydro-
gen ions on the surface of the sample. At the same time, the applied potential acts as a com-
plementary driving force for diffusion of the hydrogen ions [37]. In addition to being a less 
volatile charging method, cathodic charging is claimed to give a faster buildup of hydrogen 
and results in a higher, more homogeneous concentration in the metal than normally achieved 
using gas based charging [38]. Varying the charging parameters temperature, current density 
and time could alter the charging outcome, but this is ultimately limited by the saturation of 
available atomic hydrogen at the sample surface. However, the main variable among the vari-
ous charging experiments found in the literature is the electrolytic medium. These electrolytes 
can be diluted solutions, such as H2SO4 in H2O [39] or methanolic solutions with H2SO4 and 
NaOH, usually together with additions of hydrogen recombination inhibitor (NaAsO2, AsO3) 
and hydrogen adsorption promoter (H2SeO3) [40-42]. Charging using aqueous or methanolic 
solutions must be performed below the boiling temperature of the selected solvent. Undiluted 
electrolytes are e.g. molten salts, which usually have a 1:1 molar ratio of NaHSO4 and KHSO4 
[3, 38, 43], or NaOH and KOH in the same ratio [7]. The molten salt electrolytes require a 
minimum temperature of around 200-250°C for the sulphate salts and around 300-350°C for 
7 
 
the hydroxide salts, in order to melt and fuse. The sulphate salt mixture should preferably be 
held below 350°C, at which the constituents decompose.  
 
Figure. 1: Illustration of a cathodic hydrogen charging setup. 
 
Criticism of the method has been raised, suggesting that the supersaturation of hydrogen 
causes high concentration gradients between the surface and interior [44], with a correspond-
ing increase in stresses and structural damage in near surface regions, which could result in 
surface hardening of the charged material. The hardening is further believed to mask the stud-
ied hydrogen effect on the mechanical properties during a tensile test [15, 44]. Another com-
monly found dubiety regarding all the different charging methods is outgassing, in which the 
introduced hydrogen is believed to vaporize from the sample as soon as the charging proce-
dure ends. For further details on the cathodic charging procedure used in this work, please cf. 
Paper I [45]. A summary of the charging results are presented in Section 6. 
 
3.2 Hydrogen concentration profile 
To calculate specific concentrations at various diffusion lengths using a solution to Fick’s 
second law, the surface concentration of atomic hydrogen must be determined. If hydrogen 
gas charging methods are used, Sievert's law gives a good estimation [37]. However, for ca-
thodic charging methods, the calculations are more complex. Any analytical solution regard-
ing surface concentration of available hydrogen during a cathodic charging process is based 
on temperature, applied electric potential, proton conductivity of the electrolyte, and the elec-
trochemical reaction. As with any charging method, the mechanism is also to some extent 
dependent on the surface chemistry and topology of the sample, as this may influence the dis-
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sociation rate of molecular hydrogen into atomic hydrogen before entering the sample [46-
48]. In addition, many of these factors may change during the charging process. The complex-
ity of this evaluation and the difficulties of obtaining trustworthy results have been highlight-
ed in a previous evaluation of the cathodic charging method [44].  
 
3.2.1. Electromigration 
To estimate the time, ݐ, for hydrogen to reach the center of the sample,  ݎ଴, during cathodic 
charging, approximate calculations based on ξʹܦݐ ൒ ݎ଴ are commonly found in the literature. 
This estimation is based on a diffusion constant, ܦ, in which only concentration driven diffu-
sion is considered [3, 39, 43, 49]. This results in an overestimated charging time and underes-
timated diffusion length of hydrogen, which could lead to questionable conclusions regarding 
the hydrogen effect on the embrittlement mechanisms [50].  
 
During cathodic charging, diffusion is not only driven by the concentration gradient but also 
by electromigration. This is caused by the applied electric potential. The potential drop in the 
length of the conducting sample rod is negligible, and its surface could be considered as an 
isopotential. The movement of the charge carriers close to the sample surface (e.g. migrating 
hydrogen ions), is assumed to follow the electric field in the electrolyte, which is approxi-
mately radial. The general time dependent diffusion equation (Fick's second law) reads 
 
 
߲ܥ
߲ݐ ൌ ׏ ڄ ሺܦ׏ܥሻ 
 
(1) 
where ܥ is the concentration of the diffusing element and ܦ the diffusion coefficient. The 
diffusion coefficient is defined as ܦ ൌ ܦ଴ሺ െ ܪ஽ ܴܶሻΤ , where ܴ and ܶ are the gas con-
stant and absolute temperature, respectively. An activation energy, ܪ஽ for hydrogen diffusion 
in IN718 of 48.63 kJ/mol was assumed [48]. The pre-factor ܦ଴ has a reported range of 1.6-
6.16×10-7 m2/s and are based on results of hydrogen permeation tests on IN718 [48-50]. For 
our evaluation, we have chosen a value of ܦ଴ = 4.0×10-7 m2/s, which is close to the results 
from gas permeation test results and the value used in previous charging [3, 39] 
 
When electromigration is considered, the diffusion coefficient is reportedly scaled by the elec-
tromigration factor ߶ [51], which is multiplied by the component of the charging current den-
sity vector  in the direction of the flux, and the sample radius, ݎ଴. This anisotropic behavior of 
the diffusion coefficient is represented in the computation as a symmetric matrix in cylindrical 
coordinates with 
 
 ܦ௥ ൌ ܦሺͳ ൅ ߶݆ݎ଴ሻ (2) 
 
and 
 
 ܦ௭ ൌ ܦǤ (3) 
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The electromigration factor is defined as 
 
 ߶ ൌ ܼ
כ݁ߩ
݇ܶ  (4) 
 
where ܼכ is the effective charge number of the migrating particle. The resistivity, ߩ, for IN718 
at 300°C is measured to be around 1.32×10-6 Ωm [52]. Further, ݁ is the electron charge with 
1.602×10-19 C, and ݇ is the Boltzmann constant.  
 
ܼכ  is a dimensionless, experimentally determined parameter, which is a summation of the 
direct electrostatic force and the electron wind force. For H+ the effective charge number in an 
NbV alloy was found to be close to unity, and not reported to be sensitive to temperature or to 
variations in alloy composition [53]. No value has to our knowledge been reported for H+ in 
Ni-based alloys, but for pure Ni a value of 0.5 has been quoted, and investigations on various 
polycrystalline metals as well as several alloys, report values of 0.4-1.6 [54, 55]. In this work 
we will assume ܼכ= 1. 
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4  Material model 
In almost any application it is of great importance to know the yield stress and the continuous 
flow stress during the deformation process. In models on material deformation, the constitu-
tive equations usually express these stresses as functions of other parameters, such as the plas-
tic strain, the strain rate and the temperature. The models can be empirical or semi-empirical, 
and are commonly referred to as phenomenological material models. Two of the most used 
phenomenological models are the Johnson-Cook model and the Armstrong-Zerilli model [56]. 
These models are implemented in much finite element software such as ABAQUS [57] and 
MARC [58].  
 
Another way to describe the material behaviour during plasticity is to use physically based 
material models. The advantage of physically based models is that they usually show defor-
mation behaviour accurately for temperatures and strain rates well outside its fitting range. On 
the other hand they typically contain a large number of material parameters and could in some 
cases need a lot of experimental data. As the yield stress in a practical case is controlled by 
several different mechanisms, these have to be acknowledged and superimposed. Different 
mechanisms are usually dominant at different values of the state variables during deformation. 
This behavior can be visualised by the use of so-called deformation mechanism maps [59]. 
  
Additive assumption of different stress terms when modeling the yield stress is adopted by for 
example Nemat-Nasser et al. [60, 61] and Lindgren et al. [62]. The selected approach de-
scribes the yield stress with several different stress terms, usually with an athermal (ߪீ) and a 
thermally activated ሺߪכሻ term:  
 
 ߪ௬ ൌ ߪீ൅ߪכ ൅ ߪ௣ +… (5) 
  
The dots indicate that this can be extended with, or separated into, any physically motivated 
contributing stress term that is needed for describing the material of study, such ߪு௉ (Hall-
Petch effect) or ߪ௦௦ (solid solution strengthening). In the present study of IN718, the harden-
ing effect of precipitates is accounted for in a separate stress term, ߪ௣. 
 
4.1 Long-range stress term 
The athermal, or long-range term, which sometimes is referred to as the Taylor equation be-
cause of its origin [63], describes the long-range contribution to the yield stress caused by 
interactions between dislocations and lattice defects.  The term is written as [64]: 
 
 ߪீ ൌ ߙܯܩܾඥߩ௜ (6) 
 
The only lattice defect representation in Eq. (6) is the density of immobile dislocations, ߩ௜. 
For this reason the use of the contributing term should be restricted to coarse-grained, “struc-
tureless” materials [65] with fcc or close packed hexagonal crystal structures, where the lat-
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tice resistance is negligibly small [66]. The Taylor orientation factor, ܯ, converts the resolved 
shear stress for the slip systems of the crystal into equivalent effective stress. Although men-
tioned to be effected by texture, which evolves during plastic deformation, the Taylor factor is 
assumed to be constant and for fcc materials having a value of 3.06 [66, 69, 71]. The reason 
Eq. (6) sometimes is referred to as the athermal term is that thermal vibrations do not assist 
any moving dislocation in overcoming the obstacles described in the term. But the stress con-
tribution in all is not temperature independent as both the shear modulus ܩ and the propor-
tionality factor ߙ are temperature dependent at different degrees [67, 70].  Further, ܾ is Burg-
ers vector. 
 
4.1.1. Dislocation density evolution 
The density of mobile dislocations is assumed to be strain and stress independent and with a 
total density much smaller than that of immobile dislocations. Following the HELP descrip-
tion, dislocations could become mobile more easily under an increased hydrogen concentra-
tion. Even so, the total number of mobile dislocations during deformation is assumed to be 
constant. The density of immobile dislocations, used in Eq. (6), on the other hand evolves 
during plastic deformation. A general description of the evolution is based on the linear com-
bination of two processes, storage and recovery [64, 67]. This can be expressed as: 
 
 ߩሶ௜ ൌ ߩሶ௜ሺାሻ െ ߩሶ௜ሺିሻ (7) 
 
The storage, or hardening, is associated with an increase in the density of immobile disloca-
tions. As the increase in immobile dislocations is physically related to the immobilization of 
mobile dislocations at obstacles that cannot be overcome, the evolution is described by the 
mean free path of the moving dislocations Ȧ and the structure parameters ܯ and ܾ [62, 64, 
68]: 
 
 ߩሶ௜ሺାሻ ൌ
ܯ
ܾ
ͳ
Ȧ ߝሶ (8) 
 
The increment of this dislocation density ߩሶ௜ሺାሻ is expressed per increment in plastic strainߝሶ. 
 
The mean free path is proportional to the characteristics of the microstructure, one of these 
being the grain size. The grain size dependence on the hardening of the material, the Hall-
Petch effect, is accounted for via the grain size parameter ݃. Another parameter related to the 
microstructure characteristics is the diameter of the dislocation subcell ݏ and is also represent-
ed in the expression for mean free path: 
 
 
 
ͳ
Ȧ ൌ ൬
ͳ
݃ ൅
ͳ
ݏ ൅ ൰ (9) 
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Depending on the material of study the term named others in Eq. (9) can incorporate other 
factors that alter the mean free path of mobile dislocations, such as precipitates. For the pre-
cipitation hardened alloy IN718, Fisk et al. [64] included the average distance between the 
precipitates ݈௣together with a proportionality factor, which only should be considered if this 
distance is shorter than the subcell diameter. It was concluded not to be the case for IN718 
and the proportionality factor was set to zero. The parameter ݏ is said to represent the disloca-
tion substructure, by being the subcell diameter. Lindgren et al. [66] consider ݏ representing 
the effect of all of the dislocation structures on the mean free path. They recognize the con-
nection between ݏ and the dislocation density as: 
 
 ݏ ൌ ܭ௖
ͳ
ඥߩ௜
൅ ݏஶ (10) 
 
In Eq. (10) a lower limit for the subcell size ݏஶ could be added. In the expression ܭ௖ is a pro-
portionality factor concerning the subcell. The following expression for the increase of immo-
bile dislocations with Eq. (10) and Eq. (9) is then: 
 
 ߩሶ௜ሺାሻ ൌ
ܯ
ܾ ቆ
ඥߩ௜
ܭ௖ ൅
ͳ
݃ቇ ߝሶ (11) 
 
The other part of the dislocation density evolution is the decrease of density, denoted ߩሶ௜ሺିሻ and 
referred to as the recovery term. This recovery or softening is believed to be controlled by two 
main mechanisms. One mechanism is the thermally activated and strain dependent dislocation 
glide or cross-slip, which leads to dislocation annihilation [64, 69]: 
 
 ߩሶ௜ଵሺିሻ ൌ ȳߩ௜ߝሶ (12) 
 
Here ȳ is a temperature dependent, but strain-independent material constant, commonly re-
ferred to as the recovery function [68, 70]. The strain rate factor limits this recovery mecha-
nism to being purely dynamic. The other mechanism for recovery is dislocation climb which 
is defined as: 
 
 ߩሶ௜ଶሺିሻ ൌ ʹܭ௩ܦ௦ ௜ܸ଴ܸ
ܩܾଷ
݇ܶ ሺߩ௜
ଶ െ ߩ௜଴ଶ ሻ (13) 
 
The mechanism is strongly temperature dependent as being a function of the self-diffusion 
term ܦ௦. Self-diffusion is assumed to predominantly being lattice localised. The vacancy con-
centrations are denoted ௜ܸ  (instantaneous) and ଴ܸ (initial), respectively. Vacancies in the lat-
tice can be produced during cold working deformation. At higher temperatures it is assumed 
that the diffusivity of vacancies is high, leading to rapid annihilation. If the strain rate is high 
enough, the vacancy production increases and an excess is quickly reached. Models of this 
vacancy evolution have been proposed and could be attended if needed in the area of study 
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[76]. Because of the strong temperature dependence, the recovery mechanism of climb is be-
lieved to have little effect at temperatures at and below 400°C. This is why the calibration 
parameter ܭ௩ is both assumed [66] and optimised [67] to zero at these temperatures. Further-
more, ݇ and ܶ in Eq. (13) are the Boltzmann constant and absolute temperature respectively. 
 
4.2 Short-range stress term 
The second term in Eq. (5) has its foundation in Orowans work [71] on the role of discrete 
obstacles and their effect on the flow rate. The obstacles, which could be immobile disloca-
tions, precipitates or solutes, serve as thermodynamic potential barriers that could be over-
come by external stress and/or thermal vibration. The thermal activation follows an Arrhenius 
relation in the definition of plastic strain rate [61, 72]: 
 
 ߝሶ ൌ ߝሶ଴exp ൬െ
οܩ
݇ܶ൰ (14) 
 
The pre-exponential term, ߝሶ଴, have been reported with a variation in the dependent parame-
ters.  But usually it is disclosed comprising the following [60, 61, 64]: 
 
 ߝሶ଴ ൌ ܾߩ௠݈ݒ଴ (15) 
 
Besides the density of mobile dislocations, ߩ௠, the parameters are the average travel distance 
for a moving dislocation,݈, and Burgers vector. The attempt frequency,ݒ଴, is the vibration of 
the dislocation at an obstacle. Generally ߝሶ଴ is considered a constant. The Gibbs free energy of 
activation for the moving dislocation to overcome any obstacle, either by bypassing or cut-
ting, was derived by Kocks et al. [73] as: 
 
 οܩ ൌ οܨ ቈͳ െ ൬ߪ
כ
Ƹ߬ ൰
௣
቉
௤
 (16) 
 
This expression was a step forward in the description of the short-range obstacles when de-
scribed as potential barriers. These where previously viewed as being uniformly spaced and 
box-shaped, but could now be shaped by the use of the exponents Ͳ ൑ ݌ ൑ ͳ and  ͳ ൑ ݍ ൑ ʹ. 
The parameter Ƹ߬ is the so called “athermal flow strength”. It need to be exceeded in order to 
overcome obstacles in the absence of thermal energy. The value of Ƹ߬ is proportional to the 
density and distribution of the obstacles in the glide plane as Ƹ߬ ן ܩܾȀ݈. Here ݈ is said to be the 
obstacle spacing [63]. If, and only if an isotropic material, with equally-spaced obstacles can 
be assumed, this length is the same as the travel distance, or mean free path used in Eq. (8). 
Further, the athermal flow strength could also be related as being a function of an initial im-
mobile dislocation density as Ƹ߬ ൌ ܩܾඥߩ௜଴ [64].  
The activation energy οܨ in Eq. (16) is the total free energy needed to move across the obsta-
cles without any help from external stress and is dependent on the characteristics of the obsta-
cles. It and can be quantified as οܨ ൌ ο ଴݂ܩܾଷǤ The coefficient is related to the obstacle 
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strength as shown in Table 1, which also displays the relation between obstacle spacing and 
the athermal flow strength.  
 
Table 1: The influence of the obstacle characteristics on the activation energy and 
athermal flow strength [59]. 
Obstacle strength ο ଴݂ Ƹ߬ Example 
Strong ʹ ൐ ܾ݈ 
Dispersions: large or strong precipitates 
Medium ͲǤʹ െ ͳǤͲ ൎ ܾ݈ 
Small or weak precipitates 
Weak ൏ ͲǤʹ ൏൏ ܾ݈ 
Lattice resistance; solution hardening 
 
 
By combining of Eq. (14) and Eq. (16) an expression for the short-range stress contribution 
can be written as: 
 
 ߪכ ൌ Ƹ߬ ቌͳ െ ൭ ݇ܶο ଴݂ܩܾଷ  ൬
ߝሶ଴
ߝሶ ൰൱
ଵ ௤Τ
ቍ
ଵ ௣Τ
 (17) 
 
 
4.2.1. Solute concentration effect 
Solid solutes are alloying elements not part of any precipitates within the host lattice. The 
solutes could either be interstitial solutes which at elevated temperatures could move more 
freely, or substitutional solutes with a movement dependent on lattice vacancies.  
 
The general effect of solutes on the dislocation energy was described by Kocks [72] in the so-
called trough model. In this description, dislocations interact with solutes that are recognised 
as discrete, but treated as being smeared out on the whole length of the dislocation line. 
Sometimes this is described as a solute atmosphere surrounding the dislocation core. This 
collective interaction could lower the dislocation line energy with a square-root relationship to 
the concentration of the solute creating a trough for the dislocation. In order to move on, the 
dislocation must leave this low energy bound state and obtain a free, high energy state, by 
nucleating a bulge. The lengths of the dislocation line and the bulge length are both important 
parameters in the description. It is also stated that some solutes very well could act repulsive 
and instead raise the dislocation line, or stacking fault, energy [60, 72].  
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Based on the foundation of the trough model together with reasoning around the alteration of 
the Peierls (lattice) potential because of the presence of solute atoms, Cheng et al. [60] ex-
tends the relationship of οܨ and Ƹ߬ used in Eq. (16). The extension makes the relations de-
pendent on the instantaneous dislocation localised solute concentrationܥ as:  
 
 οܨ ൌ ܨ଴ᇱඨ
ܥ
ܥ଴ 
(18) 
 
and 
 
 Ƹ߬ ൌ ߬଴ඨ
ܥ
ܥ଴ ൬
݈଴
݈ௗ൰ 
(19) 
 
The initial, bulk concentration of the solutes are given by ܥ଴. In Eq. (14) ܨ଴ᇱ is the activation 
energy, at a dislocation solute concentration of ܥ଴. The initial average dislocation link length 
is ݈଴, while the current dislocation link length is represented by ݈ௗ. Several descriptions report 
this length ratio depending on the accumulated strain and temperature, which has been pro-
posed as an empirical model: 
 
 
݈଴
݈ௗ ൌ ݂ሺߝǡ ܶሻ (20) 
 
For constraining conditions as well as elaborations regarding the material parameters govern-
ing the function, please cf. [60, 74, 75]. 
 
The short-range stress term can be extended to accommodate a solute concentration of the 
bulk and at the dislocation core with the following expression: 
 
 ߪכ ൌ ߬଴ඨ
ܥ
ܥ଴ ݂ሺߝǡ ܶሻ
ۉ
ۈ
ۇͳ െ
ۉ
ۈ
ۇ ݇ܶ
ο ଴݂ܩܾଷටܥܥ଴
 ൬ߝሶ଴ߝሶ ൰
ی
ۋ
ۊ
ଵ ௤Τ
ی
ۋ
ۊ
ଵ ௣Τ
 (21) 
 
The concentration of the solute at the dislocation core ܥ will reach a saturation level as the 
solutes are diffusing under the influence of the dislocation stress field. The saturation level is 
dependent on available core sites for the solute, such as interstitial sites and vacancies. As the 
dislocation line bulges out under the applied stress, the dislocation core sweeps a new area 
with new core sites, why this concentration could vary dynamically [60]. This variation could 
manifest itself macroscopically as serrations in the stress-strain curve during tensile tests. In 
these cases the mechanism is usually called dynamic strain aging (DSA). 
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To accommodate the effect of individual core and bulk solutes on the short range term, it is 
proposed as [60, 62]: 
 
 ߪכ ൌ ߬଴ඨͳ ൅෍
ܥ௜ െ ܥ଴௜
ܥ଴௜௜
ۉ
ۈ
ۈ
ۈ
ۇ
ͳ െ
ۉ
ۈۈ
ۈ
ۇ
݇ܶ
ο ଴݂ܩܾଷඨͳ ൅ σ ܥ
௜ െ ܥ଴௜
ܥ଴௜௜
 ൬ߝሶ଴ߝሶ ൰
ی
ۋۋ
ۋ
ۊ
ଵ ௤Τ
ی
ۋ
ۋ
ۋ
ۊ
ଵ ௣Τ
 (22) 
 
Solute concentration localised at the dislocation core is represented by ܥ௜ and should be equal 
or greater than the bulk concentration ܥ଴௜ . The concentrations have a dependence on, and is 
effectively a function of the plastic strain rate, as solutes diffuse towards the dislocation core, 
but also the temperature via the coefficient of solute lattice diffusion ܦ௟ ൌ ܦ଴ሺെܳ௟Ȁ݇ܶሻ 
as: 
 
 
ܥ௜ െ ܥ଴௜
ܥ଴௜
ൌ ቆܥୱ
௜
ܥ଴௜
െ ͳቇ ቆͳ െ  ൬െ݄ ܦ௟ߝሶ଴ܾଶݒ଴ߝሶ൰
క
ቇ (23) 
 
Further ݄ is a proportionality factor and ݒ଴ and ܾ once again are the parameters attempt fre-
quency and Burgers vector, respectively. In the case of lattice diffusion,ߦ is 2/3. The concen-
tration of solutes, including hydrogen, reaches a saturation level in the dislocation core, repre-
sented by ܥ௦. 
 
Hydrogen as solute 
The previously mentioned solute atmosphere, when hydrogen is the solute, is commonly de-
scribed as hydrogen residing in either normal interstitial lattice sites, or in trap sites. The trap 
sites for hydrogen could be reversible (mobile and immobile dislocations) or irreversible 
(second phase particles and interfaces and precipitates) [76, 77]. For the moving dislocation 
during plastic deformation, following the idea with the trough model description, the trap sites 
will mostly be reversible and these trap sites will effectively follow the moving dislocations 
carrying hydrogen. Furthermore, localization of hydrogen around the moving dislocation has 
been shown to follow the gradient of hydrostatic stress, why the concentration of hydrogen, as 
any other solute, is dynamic during deformation. If the only solute considered is hydrogen and 
in order to encompass the proposed HELP mechanism, where the yield stress is lowered in the 
presence of hydrogen, Eq. (22) is modified as: 
 
 ߪכ ൌ ߬଴
ͳ
ටͳ ൅ ܥ െ ܥ଴ܥ଴ ۉ
ۈ
ۇͳ െ
ۉ
ۈ
ۇ݇ܶටͳ ൅
ܥ െ ܥ଴ܥ଴
ο ଴݂ܩܾଷ  ൬
ߝሶ଴
ߝሶ ൰
ی
ۋ
ۊ
ଵ ௤Τ
ی
ۋ
ۊ
ଵ ௣Τ
 (24) 
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As the stress term now encompasses the concentration of only hydrogen as solute, the effect 
of other solutes, if considered, should be represented by the previously mentioned additional 
stress term to Eq. (5) namely ߪ௦௦.  
 
4.3 Precipitate hardening contribution 
Precipitates or obstacles and their effect on the flow stress could be incorporated in the short 
range term as described in Section 4.2. Although, for precipitation hardened alloys the effect 
could be described in a separate stress term in order to incorporate the size factor of the pre-
cipitates. The stress term ߪ௣ in Eq. (5) represents this precipitation caused hardening. The 
term is a function of the material parameters ܯ and ܾ as well as the obstacle, or particle spac-
ing, ݈௣ as [78]: 
 
 ௣ ൌ 
ܨܯ
ܾ݈௣  (25) 
 
For small precipitates the moving dislocation will shear the particle into two parts during plas-
tic deformation. This is generally not the case for larger precipitates. Rather, the moving dis-
location will bow around. In the limit between the two phenomena, the particle has a size that 
is in its critical radius, ݎ௖. For shearable particles, it is commonly assumed that the strength is 
linear dependent on the radius to the shear modulus and Burger’s vector. For non-shearable 
particles, the obstacle strength is independent of the particle size, which gives the the follow-
ing condition for the obstacle strength:  
 
 ܨ ൌ ቐʹߚܩܾ
ଶ ݎ
ݎ௖ ǡ ݂݅ݎ ൑ ݎ௖
ʹߚܩܾଶǡ݂݅ݎ ൐ ݎ௖
 (26) 
 
where ߚ is a fitting constant close to 0.5 [64].  
 
4.4 Parameter values 
Some of the parameter values of the stress term equations are based on previous work on 
IN718 [64] and fitted and refined based on tensile test results performed. The unknown pa-
rameters of Eq. (23) regarding the concentration change and saturation of hydrogen is deter-
mined by the use of a Matlab-based optimization platform together with tensile test results on 
both hydrogen charged and hydrogen free samples. Details on the determined parameters are 
disclosed in Paper III. 
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5 Inconel 718 - microstructure and composition 
IN718 is a precipitation hardening alloy that contains four major phases, ߛǡ ߛԢǡ ߛԢԢ and ߜ to-
gether with varius types of carbides. It is primarily strengthened by the ordered body-centred-
tetragonal (bct) compound, the ߛԢԢ-phase. This disc-shaped precipitate can approximately be 
represented by Ni3Nb. The face-centred-cubic (fcc) ߛԢ-phase, Ni3(Al,Ti,Nb), also contributes 
to strengthening. Both ߛԢ and ߛԢԢ phases commonly nucleates homogeneously within the fcc 
matrix, the ߛ-phase [2, 45, 87, 88]. The orthorhombic ߜ -phase usually nucleates at grain 
boundaries, but have also been observed to nucleate on stacking faults of ߛԢԢ. The ߜ-phase 
show a similar composition as the ߛԢԢ but are more thermodynamically stable, why the growth 
of the ߜ-phase usually are on the expense of  ߛԢԢ [87]. The precipitation of ߜ-phase usually 
requires an aging temperature above 850°C [79, 80]. 
 
Liu et al. concluded in their work that the precipitates in general, and the ߜ-phase specifically, 
increase the hydrogen susceptibility of IN718 [45, 89]. Tarzimoghadam et al. explains this ߜ-
phase based enhanced susceptibility by a difference in solubility of hydrogen in the matrix 
and the ߜ-phase. The hydrogen could then get trapped in the interface and weaken the bond, 
with grain boundary decohesion as a resulting failure mechanism [81]. 
 
The material used in this work was delivered by Special Metals Wiggin Limited as cold 
drawn, precipitation hardened cylindrical IN718 rods, with chemical composition given in 
Table 2. As-recieved heat treatment procedures consisted of a solution treatment at 980°C for 
1 h before water quenching. A subsequent precipitation heat treatment at 720°C for 8 h fol-
lowed and ended with a cooling at 50°C/h to 620°C, and holding for 8 h. 
 
Table 2: Chemical composition of the delivered IN718 (wt.%). 
 
  
Ni Cr Fe Nb Mo Ti Al Cu Co Mn Si C P S B 
53.38 18.57 Bal. 5.15 2.97 1.02 0.57 0.23 0.19 0.11 0.08 0.035 0.007 0.002 0.003 
19 
 
6 Summary of results  
Presented in the section is a summary of the most relevant results. For a more detailed de-
scription and analysis, please cf. the appended papers. The summary focuses on the preparato-
ry charging method and evaluation, as well as the experimental results. The initial succding 
parameter optimization for the proposed model is presented in Paper III, but this is an ongoing 
project which will be developed with extended experiments. 
 
Computations 
For an evaluation of the anisotropic diffusion process in an arbitrary cylindrical geometry, 
were both radial and longitudinal diffusion are considered, a finite volume PDE solver, FiPy, 
was used [82]. For evaluations on the corresponding geometry of the used tensile test sam-
ples, MARC [58] was used. The computations are based on solving Eq. (1) in two dimensions 
with radial and longitudinal diffusion coefficients of Eq. (2) and Eq. (3), respectively. This 
corresponds to an axisymmetric cylidrical grid. A small enough time step is chosen to assure 
stable solutions.  
 
Table 3: Parameter values used in the computations. 
 
 
Computations of charging were done using an average current density of 0.6 mA/mm2, a tem-
perature of 250°C, sample radius of ݎ଴ = 2.25 mm together with the electromigration parame-
ter values given in Table 3. This yields a diffusion coefficient for radial diffusion (Eq. (2)) as 
almost 12 times larger than the diffusion coefficient for longitudinal diffusion, where elec-
tromigration is not considered (Eq. (3)).  
 
 ܦ௥ ൌ ܦሺͳ ൅ ߶݆ݎ଴ሻ ൌ ͸Ǥ͸͵ ൈ ͳͲିଵଵʹ/s (27) 
 
 ܦ௭ ൌ ͷǤͷ͸ ൈ ͳͲିଵଶʹ/s (28) 
 
Charging times where 25 h for the computation on the arbitrary volume, and both 25 h and 4 h 
for the computations representing a tensile test sample. Based on hydrogen concentration 
measurements of previously performed cathodic charging [45], a hydrogen concentration of 5 
wt ppm (or about 300 at ppm) H is set as boundary conditions for the bottom end and outside 
surfaces. The top surface has a boundary condition of 0 wt ppm H. A reversed diffusion is 
computed for 1 year at room temperature, as a representation of a thought outgassing after the 
completed charging. For the reversed diffusion top, bottom and outside boundary conditions 
all have a concentration of 0 wt ppm H, while the initial condition inside the boundaries is set 
at 5 wt. This represents a homogeneously charged sample. Cross-section profiles of the com-
putation results of the arbitrary volume can be seen in Fig. 2. 
Parameter ܦ଴ሾʹǦͳሿ ܪ஽ሾǦͳሿ ܴሾǦͳǦͳሿ ܼכሾǦሿ ݁ሾሿ ߩሾȳሿ ݇ሾǦͳሿ
Used value 4.0×10-7 48.63×103 8.314      1 1.602×10-19 1.32×10-6 1.38×10-23 
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Figure 2: Comparative hydrogen concentration computation with either isotropic ࡰ 
(where all diffusion is only concentration driven) or anisotropic ࡰ (where the radial dif-
fusion is both concentration and electromigration driven). Both cases are computed for a 
charging time of 25 h. 
 
 
 
 
Figure 3: The symmetry axis of the tensile test sample used in the computations repre-
senting the tensile test sample. 
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Figure 4: Comparative hydrogen concentration computation with either an isotropic D 
(where all diffusion is only concentration driven) or an anisotropic D (where the radial 
diffusion is both concentration and electromigration driven). The computations are per-
formed for charging times of 25 h and 4 h in a) and b), respectively. A concentration 
gradient driven outgassing in room temperature is computed for 1 year with result 
shown in c). 
 
The symmetry axis for the computations representing a tensile test sample is marked on the 
IN718 sample in Fig. 3. The resulting figures from the computation seen in Fig. 4, are reduced 
in length for more convenient display. The computations (Fig. 4a) show hydrogen concentra-
tion homogeneity for the 25 h charging, where anisotropic diffusion and electromigration is a 
factor. This homogenity is not seen in the isotropic case, where concentration driven diffusion 
is used in both the radial and the longitudinal direction. The computation for a 4 h charging 
time (Fig. 4b) reveals the evident effect electromigration has on the diffusion length of hydro-
gen into the sample. The level of outgassing at room temperature is show in Fig. 4c, and re-
veals a small surface localised outgassing. This is in good agreement with reported work [83] 
in which no significant outgassing of the previously introduced hydrogen could be detected 
for samples stored at room temperature for up to a year. 
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Hydrogen charging results 
Hydrogen concentration measurements were performed by Swerea KIMAB, Sweden, using a 
LECO Rhen 602 thermal conductivity detection system. The method of measurement regis-
ters the full content of hydrogen within the sample, either if it is located at a trap site or a lat-
tice site. The measured hydrogen concentration of cathodic charging performed at 250°C can 
be seen in Fig. 5. These samples were carefully lathed and then cut for radial concentration 
analysis. The result is normalised according to the depth gradient, which is believed to stem 
from an uneven distribution of hydrogen ions among the charge carriers in the electrolyte. 
This gives a clarified display of the hydrogen content at different radii of the sample. Meas-
urements of the concentration for the reduced radius is in par with the previous shown compu-
tations, and do not provide support for any radial concentration gradient.   
 
 
 
 
Figure 5: Measured hydrogen content of samples charged at 250°C, lathed down to dif-
ferent radii, where ࢘૙ = 2.25 mm, and cut according to different depths into the electro-
lyte. 
 
Surface imaging 
Electron microscopy imaging of a sample charged at 250°C and an uncharged reference re-
veals changes in surface topology as a result of the charging1. Magnifications are 40x (Figure 
2) and 1000x (Figure 3) Reviewing the images, the charging induced degradation seems to be 
surface localized with an effective depth of around 10 μm. 
 
                                                 
 
1 The observed alteration of the surface topology is likely also responsible for alteration of the surface chemistry. This will to 
some degree change the rate of hydrogen uptake, but any further analysis regarding this change has not been undertaken. 
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a)                                                                      b)  
Figure 2: SEM image of the exposed surface of the sample before and after charging, 
marked for clarification. Images recorded at 40x magnification. 
 
               
a)                                                                      b) 
Figure 3: SEM image of the exposed surface before and after charging, marked for clar-
ification. Images recorded at 1000x magnification.             
 
 
A clear difference can be seen in the macroscopic fracture of the tensile test samples. The 
uncharged sample in Fig. 6a bears trademarks of a ductile fracture, while the sample homoge-
neously charged with hydrogen in Fig. 6b, follow a brittle cleavage fracture. No microscopic 
analysis of the fracture surfaces where done at this point.  
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a)                                                       b) 
Figure 6: The macroscopic difference in fracture apperance of (a) uncharged or (b) ho-
mogeneously charged samples of IN718.  
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Tensile test 
Using an ASM tensile test machine, tensile tests were performed on both uncharged samples 
of IN718 and samples catholically charged using charging details to ensure hydrogen homo-
geneity. The strain rate used during the tests where 5.0×10-5 s-1. The resulting stress strain 
curves are displayed in Fig. 7, in which a reduction in both yield and fracture strength can be 
seen in the charged samples, compared to the uncharged. Tensile test data are then used in a 
Matlab based material model optimisation platform, to extract the correct parameter values of 
the model described in Section 4. 
 
 
 
 
Figure 7: A comparative plot of the tensile test results of both uncharged and hydrogen 
charged IN718 samples. 
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7 Conclusions and further work 
It has been shown that the driving force for hydrogen diffusion during cathodic charging can-
not solely be explained by a concentration gradient, and that the applied electric potential 
must be accounted for. This is dealt with by implementing electromigration in the description 
of the diffusion process, which could be used to more accurately estimate the required charg-
ing time and minimize any unwanted side effects of the charging. Any validation of the elec-
tromigration parameters used in connection with the experimental results is beyond the scope 
of this study. Furthermore the outgassing of introduced hydrogen after completed charging is 
shown to be small in room temperature and should not be of any problem when the time be-
tween charging and tensile testing is reasonable. 
 
The tensile tests result show characteristics which strenghtens HELP as the suggested mecha-
nism of hydrogen induced failure in IN718. This includes a decrease in yield strength and 
premature failure, together with a macroscopic brittle fracture appearance. 
 
An initial parameter study on the postulated material model, which includes the effect of hy-
drogen, has been initiated. The data is extracted from tensile tests performed on samples 
charged with hydrogen as well as uncharged reference samples of IN718. Complementary 
tensile tests on hydrogen charged IN718 samples will be performed, with varying strain rates. 
As the HELP mechanism and the “unlocking” of dislocations is dependent on the localisation 
of hydrogen and the hydrogen transport rate within the sample, there could be a strain rate 
limit in which the mechanism manifest itself.  
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